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Abstract. The objective of this article is to review our understanding of the properties of oxygen
impurities in Czochralski silicon that is used to manufacture integrated circuits (ICs). These
atoms, present at a concentration of ∼1018 cm−3, occupy bond-centred sites (Oi ) in as-grown
Si and the jump rate between adjacent sites defines ‘normal’ diffusion for the temperature range
1325–330 ◦C. Anneals at high temperatures lead to the formation of amorphous SiO2 precipitates
that act as traps for fast diffusing metallic contaminants, such as Fe and Cu, that may be inadvertently
introduced at levels as low as 1011 cm−3. Without this ‘gettering’, there may be severe degradation
of fabricated ICs. To accommodate the local volume increase during oxygen precipitation, there is
parallel generation of self-interstitials that diffuse away and form lattice defects. High temperature
(T > 700 ◦C) anneals are now well understood. Details of lower temperature processes are still
a matter of debate: measurements of oxygen diffusion into or out of the Si surface and Oi atom
aggregation have implied enhanced diffusion that has variously been attributed to interactions of
Oi atoms with lattice vacancies, self-interstitials, metallic elements, carbon, hydrogen impurities
etc. There is strong evidence for oxygen–hydrogen interactions at T < 500 ◦C and the formation
of fast diffusing O2 dimers. These observations have led to significant advances in understanding
the growth and structures of small oxygen clusters, identified with the so-called thermal donor
and shallow thermal donor defects. There is a need to improve this understanding because the
temperatures of device processing will continue to decrease as the size of future device features
decreases below the lower end of the sub-micron range, currently close to 0.18 µm.

1. Introduction

Single crystals of silicon used for device fabrication are grown either by the floating zone (FZ)
or the Czochralski (CZ) technique [1]. The former material is produced by passing a molten
zone (T > 1420 ◦C) along the length of a vertical rotating ultra-high purity polycrystalline
rod of Si with growth initiated on an oriented seed crystal, usually with a 〈001〉 axis. Since
neither the solidified parts of the rod nor the molten zone come into contact with other solids,
contamination of these crystals is minimized and the high resistivity attainable makes them
particularly suitable for the manufacture of high voltage power devices. There are, however,
major drawbacks, as explained below, in using these crystals for the fabrication of complex
integrated circuits because of the relatively small concentration of incorporated interstitial
oxygen impurities ([Oi] ∼ 1016 cm−3). By comparison, a much higher oxygen concentration
of [Oi] ∼ 1018 cm−3 is present in CZ Si that is grown by dipping a rotating seed crystal into
molten silicon contained in a silica crucible and then withdrawing the seed slowly. Dissolution
of the crucible leads to the melt becoming saturated with oxygen atoms, some fraction of which
is subsequently incorporated into the growing crystal with diameters of up to 200 mm and,
more recently 300 mm. The Oi atoms are electrically neutral and occupy bond-centred sites

0953-8984/00/250335+31$30.00 © 2000 IOP Publishing Ltd R335



R336 R C Newman

Figure 1. Geometry of a bond-centred interstitial oxygen impurity in silicon showing a small
displacement from a 〈111〉 axis and the diffusion jump distance d. Oi atoms may be located in any
of the four inequivalent bonds and the associated concentrations are designated as n1–n4. These
concentrations are not all equal when a uni-axial stress is applied to the crystal (see also figure 3).

in the lattice (figure 1), as revealed by high resolution cryogenic Fourier transform infrared
(FTIR) absorption measurements (discussed in section 2) [2] and by small increases in the Si
lattice parameter, a0, compared with FZ Si [3].

At room temperature, highly supersaturated CZ Si is stable as the Oi atoms are immobile.
During subsequent processing treatments at elevated temperatures, diffusion of Oi atoms leads
to their aggregation and the formation of SiO2 precipitates. Some of these particles grow in
the cores of dislocations [4, 5], if they are present, so that glide and dislocation multiplication
arising from the build-up of local stresses are inhibited by pinning. Such movement of
dislocations, that occurs more readily in FZ Si, leads to the formation of intrinsic point defects
(vacancies and self-interstitials) that can lower device yields [6]. SiO2 precipitate particles,
produced at random sites in dislocation-free CZ Si during post-growth anneals, are sinks for
fast diffusing Fe, Cu and other metallic atoms [7] that are introduced during device processing.
This can occur in spite of the stringent precautions taken to prevent such contamination. The
removal of these impurities, especially Fe that reacts with dopant atoms [8] and precipitates as
iron silicide causing short circuits [9], is important and can be extremely beneficial: the trapping
process is termed intrinsic gettering [10]. In practice, as-grown wafers are first heat treated at a
high temperature (T ∼ 1100 ◦C) to cause out-diffusion of Oi atoms, leading to the formation of
a so-called ‘denuded zone’ just below the surface in which the device structure is to be formed.
Wafers are then heated at a lower temperature (T < 750 ◦C) to nucleate small precipitates in the
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underlying region and a series of later treatments at higher temperatures, relating to the device
fabrication, cause the precipitates to grow [11]. Since FZ Si contains only a small concentration
of oxygen there is negligible formation of SiO2 particles, explaining the advantage of using
CZ Si for the manufacture of integrated circuits that involves numerous fabrication steps. It is
clearly necessary to control the degree of oxygen precipitation over a wide temperature range.

Understanding the precipitation process would appear to be straightforward since the rate
of aggregation of Oi atoms is expected to be controlled by their diffusion coefficient, DOXY , and
the driving force for the process should be related to the degree of supersaturation. Accepted
values of DOXY , describing ‘normal’ diffusion, have been obtained from measurements
of single atomic jumps at both high and low temperatures, as well as analyses of high
temperature in-diffused and out-diffused profiles of 18O or 16O measured by secondary ion
mass spectrography (SIMS). These data lead to

DOXY = 0.13 exp(−2.53 eV/kT ) cm2 s−1

for the wide temperature range 1325 � T � 350 ◦C (cf the melting point of Si of
1420 ◦C) (figure 2) [12, 13]. If larger values of DOXY are found, the diffusion is said to
be enhanced. Some SIMS analyses of diffused profiles generated at high temperatures, but
more particularly those in the range 450–650 ◦C, do reveal enhanced oxygen diffusion that
can also occur during aggregation of Oi atoms at lower temperatures. It has been variously
proposed that such enhancements are due to interactions of Oi atoms with self-interstitials
(I atoms), lattice vacancies (V), a second Oi atom (to form O2 dimers), fast diffusing metallic
contaminants, carbon, nitrogen or hydrogen impurities (section 7). To date, the interactions
with hydrogen (or deuterium) impurities, the products of high energy (∼2 MeV) electron
irradiation (simultaneous generation of I atoms and V) and rapid dimer diffusion appear to be
verified by theory and experiment. The enhancement mechanisms are still not fully understood
but they are crucially important in relation to controlling the rate of oxygen aggregation at low
temperatures (T < 650 ◦C).

The formation of SiO2 precipitate particles as a second phase also has its complexity as
the ejection of one I atom is required on average to accommodate the local increase in volume
[14, 15] for every two Oi atoms that are added to the precipitate. There are therefore two major
parallel processes, namely Oi and I-atom diffusion. The latter process leads to the clustering of
I atoms and the possibility of I–Oi interactions has to be investigated. In addition, the number
density of precipitate particles n(T ) formed at a given temperature is increased by the presence
of carbon [16], boron [17] or nitrogen [18] atoms: heterogeneous nucleation can then occur
as well as homogeneous nucleation. Boron is the standard p-type dopant, carbon impurities
are introduced inadvertently during crystal growth, with concentrations that may significantly
exceed ∼2 × 1015 cm−3 and nitrogen may be introduced into Si ingots grown from a melt
containing silicon nitride (Si3N4) [19]. It is clear that n(T ) must be determined if the rate of
loss of oxygen atoms from solution is to be controlled. At low temperatures (T < 500 ◦C),
the low rate of oxygen diffusion allows the first stage of agglomeration to be attributed to the
formation of O2 dimers [20]. As larger clusters (O3, O4 etc) grow, undoped silicon becomes n
type due to the formation of donor centres with decreasing ionization energies. These ‘thermal
donors’ have been attributed to the presence of the larger oxygen clusters, as discussed in
section 8. In fact, families of these defects form, namely helium-like double thermal donors,
TD(N ) [21, 22], and three types of single shallow thermal donor [23]. The latter centres in-
corporate a hydrogen (deuterium) atom, STDH(N ), an Al atom, STDAl(N ) or another defect
X, STDX(N ), where X may be a lattice vacancy or a nitrogen atom: N = 1, 2, 3 etc is simply
a numerical index for successive members of each family. Details of the structures of all four
families are still a matter of debate.
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Figure 2. Measured values of ‘normal’ oxygen diffusion (DOXY ), together with a line fitted to the
data by DOXY = 0.13 exp(−2.53 eV/kT ) cm−2 s−1. The data points for the high temperatures
relate to measurements of SIMS profiles, except for the point (�) that is obtained from internal
friction measurements. The low temperature data refer to the relaxation of stress-induced dichroism
(section 3.2). Further details are given in [13].

It is evident that the processes of diffusion and precipitation of Oi atoms in CZ Si are
complex. It is more than 40 years since the publication of the first research papers on these
topics and an enormous literature has now been built up while new papers continue to appear.
The explanation for this pre-occupation relates primarily to the strong commercial interest
associated with the increasing use of Si in the manufacture of integrated circuits that have
ever decreasing feature sizes (currently ∼0.18 µm) and increasing complexity. There are also
on-going intellectual challenges. The purpose of this review is to outline our current state of
knowledge but also to indicate the areas where our understanding is still lacking.

The organization is as follows. We shall first discuss the lattice sites of oxygen atoms
(section 2) and then show how measurements of single diffusion jumps established the concept
of ‘normal’ oxygen diffusion over the wide temperature range 1325–330 ◦C (section 3). The
results of long-range oxygen diffusion and the aggregation of these atoms at high, medium and
low temperatures, that are more relevant to device applications, are outlined in sections 4–6.



Oxygen diffusion and precipitation in Czochralski silicon R339

We go on to show that at low temperatures diffusion of oxygen atoms can be enhanced by
electron irradiation (the simultaneous introduction of vacancies and self-interstitials) or the
introduction of hydrogen into samples: both H–Oi and H2–Oi pair defects have been detected
and characterized (section 7). Finally, TD(N ) and STD(N ) centres are discussed in section 8.
Our conclusions are summarized in section 9.

2. The lattice sites of isolated oxygen atoms

Early infrared (IR) measurements of CZ Si made at room temperature revealed a broad
absorption line at a wavelength λ close to 9 µm (1106 cm−1) [24] with an absorption coefficient
ofα ∼ 3 cm−1 and a full-width at half-maximum� ∼ 34 cm−1 (see the profile on the right hand
side of figure 3): this line is usually too small to be detected in FZ Si. At a sample temperature
of 77 K, the line sharpens and shifts to 1136 cm−1. In Si enriched with the 18O isotope, added
to the melt during crystal growth, a second line is observed at 1085 cm−1 [25]. The reduction
of the vibrational frequency is expected since the frequency of a localized vibrational (LVM)
mode of an impurity atom with a small mass is proportional to the inverse square root of the
reduced mass (µ) of the oscillator. To a very close approximation, 1/µ = [1/mimp + 1/χMnn]
[26], where mimp is the mass of the impurity (the Oi atom), Mnn is the mass of its nearest
neighbours (Si atoms) and χ is a numerical factor (usually close to two) that depends on the
geometry of the centre and the ratio of the local stretching and bending force constants [27]. A
recent high resolution FTIR absorption spectrum [2] obtained at a temperature of 4.2 K from a
sample containing enriched 17Oi and 18Oi is shown in figure 4: the natural abundances of the
isotopes are 16Oi (99.76%), 17Oi (0.04%) and 18Oi (0.2%). The line-widths are close to 1 cm−1,
and two relatively weak satellite features on the low energy side of each line, displaced by 1.9
and 3.8 cm−1 respectively, are due to the vibrations of oxygen atoms bonded to a naturally
occurring 28Si (92.3%) atom and a 29Si (4.7% abundance) or 30Si (3.0%) isotope, rather than
to two 28Si (92.3%) atoms [28, 29]. These observations lead to the unambiguous conclusion

Figure 3. Diagram showing the effect of applying a static uni-axial stress to a CZ silicon sample
along a [111] axis so that the concentration of Oi atoms n1 decreases and the concentrations
n2 = n3 = n4 increase (left hand side). IR measurements of the broad 9 µm band at room
temperature then show a smaller absorption coefficient with the E-vector of incident light polarized
parallel to the [111] direction compared with the perpendicular polarization (right hand side). The
difference is called the dichroism.
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Figure 4. FTIR spectrum of a silicon sample (at 4.2 K) containing enhanced concentrations of
17Oi and 18Oi , showing isotopic shifts of the associated LVMs to lower frequencies compared with
that of 16Oi . The two weak satellites on the low energy side of each of the strong absorption lines
are due to Oi atoms located between adjacent 29Si–28Si and 30Si–28Si isotopes, rather than a pair
of 28Si isotopes (see also figure 12). This is a modified diagram from [2].

that oxygen atoms occupy bond-centred interstitial sites in Si, as in silica (SiO2). It is noted
that the width (�) of the 17Oi line (figure 4) is measurably greater than those of the lines due
to the two other isotopes but there is currently no explanation.

Vibrating Oi atoms give rise to other IR absorption lines, some of which have been detected
only recently by high resolution FTIR. The new observations have led to radical changes in
the assignments of certain transitions, implying that the Si–Oi–Si structure is linear rather than
bent as shown in (figure 1): the reader is referred to the literature for further details [30–32].

Considerable effort has been expended to establish measured calibration factors to convert
values of the peak absorption coefficient αMAX of the 9 µm band (300 K) to the concentration of
isolated oxygen atoms [Oi] present in a sample: [Oi] is subsequently determined by a chemical
or nuclear method. The calibrations have different labels according to their origin, e.g. ASTM
(USA), New ASTM (USA), DIN (Germany) and important others from Japan: a comparison
of some of these calibrations is given in [33]. In this article we shall use the calibration for
which [Oi] = 3.14αMAX cm−3 (� is assumed always to be 34 cm−1) [34]. The loss of oxygen
from solution resulting from the heat treatment of samples can therefore be quantified from the
measured reduction in αMAX, irrespective of the new locations of the atoms, provided the broad
9 µm IR band is not obscured by broader absorption from precipitated SiO2. This problem can
be overcome by making measurements at 4.2 K [2] when the 9µm line becomes sharp (figure 4),
whereas the absorption from silica precipitates remains broad [35]. Alternatively, absorption
measurements can be made of an oxygen-induced mode at 19.5 µm (517 cm−1) [36, 37] that
is a resonance near the top of the phonon dispersion at 520 cm−1 of the perfect silicon lattice
[38, 39]. Measurements can only be made on very thin samples if they are doped with either
donors or acceptors at concentrations of �1017 cm−3. More highly doped substrate material
(∼1019–1020 cm−3) is opaque because of the resulting strong free-carrier electronic absorption.

3. Measurements relating to single oxygen diffusion jumps

Diffusion of Oi atoms occurs by atomic jumps from a bond-centred site to one of the six
equivalent adjacent sites with a jump distance d = (2)1/2a0/4 = 1.92 Å (figure 1), where
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a0 = 5.42 Å is the lattice spacing of Si. DOXY is equal to d2/τ , where τ is the mean lifetime
for a jump to occur. τ is given by τ0 exp(ED/kT ) at a temperature T , where ED is the activation
energy. Thus DOXY = D0 exp(−ED/kT ), with D0 = a2

o/8τ . The lowest observed value of
DOXY at a given temperature is taken to define ‘normal’ diffusion.

Under equilibrium conditions, the bond-centred sites along the four 〈111〉 directions are
equivalent in a strain-free crystal and the four populations n1–n4 of Oi atoms (figure 1) are
equal. If the crystal is subjected to a uniaxial stress, these populations become unequal,
provided the temperature is sufficiently high for diffusion jumps to occur. This is because
some bonds are extended and others are shortened, making the energies of inserting an oxygen
atom smaller and greater, respectively. The dynamics of the resulting concentration changes,
their reversal resulting from a reversal of the stress, or their decay once the stress is removed
have been analysed to obtain values of DOXY at the microscopic level for heat treatments at
both high and low temperatures. The measured time constants for these processes are given
by τ ∗ = τ/8 and DOXY is therefore equal to a2

o/64τ ∗. Details relating to the numerical factor
of 8 that takes account of the bond-centred geometry of the Oi site are given in [13].

3.1. High temperatures (1325 > T > 850 ◦C)

In the earliest work, acoustic waves with frequencies of 100 kHz or 300 kHz (angular
frequencies, ω) were used to generate an oscillating stress in a heated block of Si [40, 41].
As the temperature was raised progressively, damping of the waves occurred with a broad
superposed resonant peak at the temperature when ωτ ∗ = 1. The evaluation of τ ∗ and an
analysis of the shape of the curve [42] provided sufficient information to determine values of

DOXY = 0.21 exp(−2.55 eV/kT ) cm2 s−1

that are essentially indistinguishable from the expression given in section 1. These
measurements were also the first to validate proposals that Oi atoms occupy bond-centred
sites with 〈111〉 axes.

The reader is referred to the original papers for details of the experimental procedures and
their interpretation since these are outside the scope of the present article. We note only that
the techniques are analogous to those used in the measurements of the diffusion coefficients
of interstitial carbon or nitrogen impurities in body-centred α-Fe [14, 43].

3.2. Low temperatures (400 � T � 330 ◦C)

Measurements made in this low temperature range involve a different procedure that is very
precise [44, 45]. If a sample is subjected to a static uniaxial stress of ∼100 MPa along a
[111] direction for 15–30 min at 400 ◦C (left hand side of figure 3) and then cooled to room
temperature with the stress still applied, n1 is smaller than n2 = n3 = n4 and this distribution
is frozen in. The absorption coefficient, α ‖, of polarized light with the E-vector parallel to the
stress axis is then smaller than, α⊥, with the E-vector perpendicular to the [111] axis (the right
hand side of figure 3). The normalized dichroism 3(α⊥ − α‖)/(α‖ + 2α⊥) ∼ (α⊥ − α‖)/α⊥
decays exponentially with the measured time constant τ ∗ during a subsequent isothermal
anneal. Measurements made on several samples at different temperatures lead directly to the
values of DOXY shown in figure 2. Other low index stress and viewing axes (〈100〉, 〈110〉 and
〈111〉) can be used as discussed in [45].

In summary, the available measurements [40–42, 45–47], leading to the values of DOXY

(figure 2), define a single mechanism for ‘normal’ diffusion of Oi atoms in Si over some 14
decades for the temperature range 350–1300 ◦C. It is unfortunate that there are no corresponding
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data for the range, 400 � T � 850 ◦C, since less direct measurement techniques have indicated
that enhanced diffusion may occur (section 5).

4. Oxygen diffusion and precipitation (1400 � T � 700 ◦C)

4.1. Oxygen in- and out-diffused profiles

High temperature in-diffused 18Oi [48, 49] and out-diffused 16Oi [50, 51] distributions of
oxygen in Si, measured by SIMS, have been satisfactorily fitted to error function profiles
and the derived values of DOXY are in excellent agreement with the results of the damping of
acoustic waves at similar temperatures (section 3) (figure 2). The in-diffusion measurements
also yield values of the oxygen surface concentration (cs) that correspond to the oxygen
solubilities measured by other methods (figure 5) [35, 52]. Other SIMS measurements have
been reviewed in [12], [13] and [53]. There is evidence from IR measurements [54, 55] that
grown-in carbon atoms complex with Oi atoms to form C(3) centres (Ci–Oi pairs) [56, 57]
that act as nuclei for oxygen precipitation (section 4.2) so that diffusion profiles are modified.
There is also evidence that the rate of oxygen diffusion at 750 ◦C is enhanced by a factor of ∼10
in samples containing a high concentration of carbon. It was proposed that rapid correlated
jumps of the two atoms occur [58], similar to those of the two interstitial oxygen atoms present
as dimers (section 6).

Figure 5. Collected data for the solubility of interstitial oxygen atoms in silicon at high
temperatures, shown as an Arrhenius plot: details of the individual measurements are given in
[35] and [52].
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4.2. Oxygen precipitation

When CZ Si is annealed at temperatures, T > 700 ◦C, there is growth of small SiO2 precipitates
nucleated during a prior low temperature heat-treatment that may be the cooling period
following crystal growth: alternatively, the nucleation may be due to grown-in carbon or
other impurity atoms (section 1). The rate of growth of the SiO2 precipitates can be quantified
straightforwardly provided Oi diffusion is the limiting process [35, 59–62]. In the early stages,
the number of Oi atoms per unit time that cross a spherical surface surrounding a diffusion
sink with a capture radius rc is given by 4πc0rcDOXY , where c0 is the grown-in oxygen
concentration, [Oi]0. If rc is set equal to the radius rp of a growing (approximately spherical)
precipitate, we obtain r2

p = (2c0DOXY /cp)t , where cp = 4.6×1022 cm−3 is the concentration
of oxygen atoms in SiO2. c0 is initially significantly larger than the equilibrium solubility,
cs , but after a long anneal it decreases towards cs and a sample temperature of 4.2 K must
be used to obtain reliable IR measurements. The number density of precipitates n(T ) can
be determined by counting etch pits produced by chemical etching and their size can be
measured by transmission electron microscopy (TEM) or, non-destructively, by small angle
neutron scattering (SANS) from bulk material [35]. The two methods give equivalent results
[63], yielding values of DOXY corresponding to ‘normal’ diffusion (sections 3 and 4.1). It is
implied that long-range diffusion of Oi atoms controls the rate of growth of the precipitate
particles for T > 700 ◦C, rather than the interface reaction involving the formation of I atoms
required to accommodate the local increase in volume. This conclusion has been verified by
measurements discussed in [64]. Diffusion and aggregation of the generated I atoms leads to the
formation of stacking faults [14] but the local build-up of stress may also lead to the formation
of small punched-out prismatic dislocation loops adjacent to the SiO2 precipitates [65]. Both
defects are essentially immobile and they act as sites for further precipitation of oxygen atoms.

As the anneal temperature is lowered, n(T ) increases due to the increasing oxygen
supersaturation. For a sample with [Oi] ∼ 1.5 × 1018 cm−3, it has been shown that
n(T ) ∼ 6 × 10−3 exp(+3 eV/kT ) cm−3 [13, 66]: somewhat lower temperature dependencies
are found for samples with smaller grown-in oxygen concentrations. To achieve conservation
of oxygen atoms, the ‘radius’, rp, of the particles must be proportional to n(T )−1/3 that has
a temperature dependence given by exp(−1.0 eV/kT ). It follows that an Arrhenius plot of
the rate of loss of Oi atoms from solution with normal diffusion will have a gradient of only
−0.5 eV, corresponding to that of the triple product rpn(T )DOXY ∝ n(T )2/3DOXY .

The precipitation process is reversible so that there is partial dissolution of existing SiO2

particles during a second anneal at a higher temperature. The new equilibrium concentration
of dissolved Oi atoms can then be identified with the oxygen solubility at this temperature.
Unfortunately, there are difficulties in comparing values reported by various investigators
because of their use of (a) different sample temperatures to determine the strength of the 9 µm
oxygen band and (b) different calibration factors to convert the absorption coefficients into
oxygen concentrations [35]. The parameters used have varied by a factor of two or more
throughout the period of studies and the particular value used was not always clearly stated.
Nevertheless, these estimates of the solubilities (figure 5) are in general agreement with those
measured at the surface by SIMS after in-diffusion of oxygen (18Oi) [12]. This correlation
implies that surface effects, such as the in-diffusion or out-diffusion of I atoms, vacancies
or unknown impurity atoms are unimportant in relation to the oxygen solubilities at high
temperatures. We note, however, that extended anneals lead to continued growth of the larger
precipitate particles and a progressive loss of the smaller particles due to their dissolution [63].
This process, that is well known in metallurgy, minimizes the total interface energy of the
system and is called Ostwald ripening.



R344 R C Newman

It is important to recognize that nucleation sites identified with boron or carbon atoms
cannot be removed during the early stage of the anneal in contrast to the dissolution of small
SiO2 particles. Since the grown-in substitutional impurity atoms have small covalent radii, the
local strain is expected to be reduced by the capture of interstitial oxygen atoms.

The maximum rate of trapping of mobile Fe (or other impurity atoms) is 4πn(T )rpDFe,
where DFe is the diffusion coefficient of Fe atoms. The sticking probability of the Fe atoms
will depend on the particle size and the anneal temperature. Since small particles are not the
most effective and large particles will have a low concentration, the size must be optimized at
an intermediate value as discussed in [8].

5. Oxygen diffusion and precipitation (650 � T � 430 ◦C)

5.1. Diffused profiles: a fast diffusing species

The values ofDOXY at temperatures in this range were thought originally to be too small to allow
out-diffusion of oxygen to be detected from SIMS profiles. To obtain reliable measurements,
the depletion depth from the surface has to be in the range 5–10 µm. Nevertheless, reports of
observed out-diffusion have been reviewed and confirmed in a recent extensive re-investigation
[53] of samples annealed for different temperatures for times of up to 170 days. The measured
profiles are strange because their depths (∼5 µm) are essentially independent of the anneal
temperature, and increasing the anneal time leads only to slightly larger reductions in the
surface concentration. Consequently, if the profiles are fitted to an error function distribution,
the derived diffusion coefficient, DEFF , is essentially constant over this whole temperature
range. It could therefore be implied that there is an ‘enhancement’ of DOXY that increases
progressively by a factor of up to ∼3 × 105 as the temperature is lowered from 650 ◦C to
450 ◦C (figure 6). Reductions in the concentrations of isolated Oi atoms in the bulk of the
samples, determined by IR absorption measurements, were found to be correlated with the
reductions in the surface oxygen concentrations (SIMS), even when Oi diffusion was enhanced
by introducing hydrogen into samples in a pre-treatment (section 7.3). It was concluded that
there is conversion of some Oi atoms to a fast diffusing species, Of ds , that can migrate over
large distances as a stable entity before being trapped at the surface or in the bulk. The diffusion
depth revealed by SIMS can then be associated with this distance. The formation of an Of ds has
been proposed previously in relation to out-diffusion [67], in-diffusion [68], internal oxygen
clustering [69] and the transformation of TD(1) to TD(2) [70]. The new results [53] provide
no evidence for the dissociation of Of ds in the temperature range 450–500 ◦C, consistent with
previous data for higher temperature anneals at up to 700 ◦C. Possible identities of the Of ds

defect will be discussed in section 7.

5.2. I-atom aggregation during annealing

Anneals of CZ Si in this temperature range lead to the formation of ‘ribbon-like defects’
(RLDs) with a 〈311〉 axis that are revealed by direct TEM lattice images. The defects were
initially attributed to coesite, a high pressure phase of silica [71], following analyses of optical
diffraction patterns of the TEM images. Measurements of the number density of these defects,
together with estimated numbers of oxygen atoms incorporated in individual particles, led to
the conclusion that DOXY would have had to be enhanced by a factor of ∼104 at 485 ◦C [72].
Observation of TEM contrast does not, however, necessarily imply that the defect responsible
incorporates oxygen atoms. By contrast, RLDs were not detected by SANS measurements,
implying the absence of coherent n0 scattering from the nuclei of clustered oxygen atoms
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Figure 6. An Arrhenius plot of data for the diffusion coefficient of oxygen atoms in silicon deduced
from in-diffusion, out-diffusion and precipitation measurements, indicating enhanced values of
DOXY in the temperature range 500–650 ◦C and reduced values just above 450 ◦C as discussed in
the text: details of the individual measurements are given in [35] and [80].

[35]. The interpretation was therefore questioned and it was proposed instead that ‘black dot
contrast’, that was also detected by TEM, should be identified with very small SiO2 particles
[52]. Later TEM studies, incorporating energy loss measurements, confirmed that RLDs
contained only very small concentrations of oxygen (∼5%) and the RLDs were reassigned to
hexagonal Si [73]. This interpretation has been further modified and it is now accepted that the
defects are local regions of silicon that are re-bonded as a result of clustering of I atoms formed
during the growth of the SiO2 particles (section 1) [74, 75]. This explanation is consistent with
the observation by TEM of very similar structures observed in FZ Si after high energy electron
irradiation (∼2 MeV) that generates I atoms and vacancies. Thus, the growth of RLDs does not
imply enhanced Oi diffusion but does imply generation, diffusion and aggregation of I atoms.
Measurements in progress at the Institut Laue–Langevin (ILL) at Grenoble using SANS, that
now have a much improved sensitivity [76], should yield further direct information about the
rate of growth of very small oxide precipitates and demonstrate whether or not there is evidence
for enhancements of DOXY .
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5.3. Kinetics of Oi aggregation and solubility

As the anneal temperature is lowered from ∼600 ◦C, the size of SiO2 particles decreases and
there are changes in the precipitation kinetics. The slope of an Arrhenius plot of d[Oi]/dt ,
initially −0.5 eV, decreases to zero (550 ◦C), then becomes positive before becoming zero
again (470 ◦C) and finally becomes negative with a value of approximately −2 eV for all
values of T < 450 ◦C [13, 66]. The measured gradients vary according to the grown-in
oxygen concentration, [Oi]0, indicating that these energies are not activation energies but
averages for a range of cluster sizes. The changes in the slope have been attributed to the
change from a macroscopic to a microscopic (atom by atom) precipitation process [52]. At
the higher temperatures, the capture radius for diffusing Oi atoms is identified with the large
increasing radius of the precipitate particles, whereas at lower temperatures the particle radius
becomes comparable with, and then smaller than, the capture radius. Calculations made with
the assumptions of a constant capture radius of rc ∼ 5 Å, together with ‘normal’ Oi diffusion
imply that the average number of Oi atoms incorporated per precipitate particle ranges from
100 to 20 for anneals in the temperature ranging from 600 to 500 ◦C [52].

As the anneal temperature is lowered to 700 ◦C, the ‘derived’ oxygen solubility decreases
and then passes through a broad minimum with a value of ∼1016 cm−3 (see figure 5) but then
increases to ∼2 × 1017 cm−3 at 500 ◦C. It was inferred originally that this behaviour resulted
from the large increase of the interfacial energy as the precipitates became ever smaller [13]:
a later alternative proposal is that ejection of I atoms from small precipitates is inhibited,
leading to a high supersaturation of Oi atoms due to the build-up of strain [77]. Although both
processes may occur, there is spectroscopic evidence from high resolution photo-luminescence
(PL) measurements for I atom generation at somewhat lower temperatures [78], since interstitial
carbon atoms are produced.

As a final comment, a single maximum oxygen nucleation rate with decreasing temperature
is expected on the basis of classical nucleation theory but two maxima are observed at T ∼ 750
and 500 ◦C, respectively [79]. This behaviour is currently unexplained but may also relate to
a change from macroscopic to microscopic kinetics as the temperature is lowered.

6. Oxygen aggregation and thermal donor formation (T � 500 ◦C)

The first stage of oxygen aggregation is the formation of O2 dimers in material that contains
essentially only isolated Oi atoms. The rate of loss of Oi atoms from solution would then be
given by d[Oi]t /dt = −8πrcDOXY [Oi]2: the numerical factor of 8, rather than the usual value
of 4, is required since both oxygen atoms diffuse [80]. Integration of this equation leads to the
relation (1/[Oi]t ) = (1/[Oi]0) + 8πrcDOXY t , where [Oi]0 and [Oi]t are the concentrations of
dissolved oxygen atoms at the start of the anneal and after time t , respectively. Any Oi atom can
be trapped by any other Oi atom (1018 cm−3) but the loss of Oi atoms due to trapping by carbon
or other impurity atoms (contamination) at concentrations of ∼1016 cm−3 is negligible. Since
[Oi] can be measured by IR absorption after successive periods of annealing, it is possible to
determine values of DOXY for temperatures as low as 350 ◦C, again assuming that rc = 5 Å
(figure 6). Derived values of DOXY are independent of the initial value of [Oi]0 for anneals at
350, 375 and 400 ◦C but they are greater by a factor of three to four than the values determined
from the relaxation of stress-induced dichroism [80].

The kinetic equation used above takes no account of dimer dissociation or of the formation
of larger oxygen clusters. The dissociation rate of dimers is expected to increase as the anneal
temperature increases so that measured values of [Oi]t after the anneal are expected to be
greater than those calculated, especially for samples with a low value of [Oi]0. This behaviour
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Figure 7. The power dependency n of the initial rates of thermal donor formation (•) and loss
of Oi atoms from solution (×) in CZ Si as functions of the anneal temperature [80]. The value of
n = 4 (only appropriate for 450 ◦C) was, until recently, assumed to be the same for all temperatures,
implying that the aggregation of four Oi atoms led to the formation of a thermal donor. It is now
clear that O2 dimers constitute the first essential step and that the increasing values of n, as the
temperature is increased, are related to dissociation of small oxygen clusters.

is apparent for anneals at 450 ◦C and, more particularly, at 500 ◦C where the derived values
of DOXY are all much too small (figure 6) [80]. These effects are revealed by assuming that
the initial values of d[Oi]/dt are proportional to [Oi]n. A plot of n versus T (◦C) shows that
n increases from 2 (T = 400 ◦C) to ∼10 (T = 500 ◦C) (figure 7). These results are mirrored
by the rates of formation of thermal donor centres TD(N ) (section 8) that have been attributed
to small oxygen clusters aligned along 〈110〉 axes and are thought to incorporate one extra
oxygen atom as the index N increases to (N + 1) [21, 22]. Early work [24], relating to anneals
carried out at 450 ◦C, led to the proposal that all TD(N ) centres incorporate four oxygen atoms
since their rate of formation was proportional to [Oi]4. This dependency is in agreement with
the more recent analysis but only for this one temperature. A dependency of [Oi]2 at lower
temperatures, however, indicates that dimer formation must be the rate limiting step.

The evolution of the concentrations of larger oxygen clusters, with three, four, five etc
atoms, as a function of anneal time can be simulated from a numerical integration of coupled
differential equations [81], rather than the single equation discussed above for dimers. With
the assumption that only single oxygen atoms are mobile and that there is no dissociation of
clusters, the concentrations [O2], [O3] and [O4] etc decrease sequentially by factors close to
ten for every additional oxygen atom added to a cluster during simulated anneals at 450 ◦C for
times of up to ∼100–200 h (figure 8). This prediction is inconsistent with the much smaller
relative concentrations (figure 9) observed of TD(N ) centres with adjacent values of N [21, 22].
In addition, many workers had proposed that there is a large enhancement of DOXY by factors
ranging up to ∼104 [24, 69]. Such an increase would, however, lead to an impasse since there
would be a huge discrepancy with measurements of the rate of Oi loss from solution. This
was not recognized in the early work as these measurements were not made.

We next consider the thermal stability and diffusion of O2 dimers, that are thought to
diffuse more rapidly than Oi atoms by a factor of up to 107 [82, 83]. If the time constant for
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Figure 8. The serial growth of oxygen clusters O2, O3, O4 etc as a function of annealing time for
a simulated anneal at 450 ◦C with the normal value of DOXY , assuming O2 dimers are immobile
and that there is no dissociation of the clusters [81].

dissociation is greater than the time for a diffusing dimer to be trapped by an isolated Oi atom,
a trimer will be formed. The concentration of trimers then corresponds closely to the original
rate of formation of dimers but dissociation of O3 centres to reform an Oi atom and a dimer
(over a longer period of time) would also allow the relatively rapid formation of O4 and O5

defects. The dissociation of these larger clusters, again with the release of dimers, would allow
even larger clusters to be formed but without the further loss of isolated Oi atoms [80, 84].
Such processes have been shown to overcome the previous impasse of connecting the growth
of TD(N ) centres (with high values of N ) to the formation of oxygen clusters with increasingly
large sizes: further discussion of TD(N ) centres is given in section 8.

There is convincing evidence for the formation of dimers with a binding energy ∼0.3 eV
and concentrations of up to ∼1014 cm−3 derived from recent IR LVM measurements made on
samples containing various relative concentrations of 16O and 18O that were analysed by density
functional calculations [85–88]. The two atoms occupy second neighbour bond-centred sites
and there is no evidence for the ejection of an I atom: other theoretical analyses have also
implied that rapid diffusion occurs [89–92]. Rapid diffusion of dimers does not, however,
explain all the observations. For example, the slope of an Arrhenius plot for the evolution of
the TD(N ) centres is close to 1.8–2.0 eV (see the lower temperature points in figure 6) [93] that
does not correspond to the activation energy for normal oxygen diffusion (2.5 eV) that should
be the rate limiting process. A suggestion that trimers and larger oxygen clusters are also
mobile appears to assist the overall interpretation [85] although there is no direct evidence for
the migration of large complexes. Nevertheless, TD(N ) defects have been shown to re-orient
(rotate) due to the application of a uniaxial stress [94, 95] and so the possibility of diffusion of
‘oxygen clusters’ cannot be ruled out. The re-orientation kinetics are not exponential but the
characteristic energy is close to 2.7 eV [95], similar to that of 2.5 eV for normal Oi diffusion.
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Figure 9. Electronic transitions of the sequence of TD(N ) centres formed during an anneal at
470 ◦C, showing the progressive reductions in their ionization energies, Ei . It is also demonstrated
that the donors have comparable concentrations as N is increased to (N + 1), (N + 2), etc.

A somewhat higher energy for the reorientation is not surprising since there must be local
dissociation of Oi atoms from the aggregate to allow diffusion jumps to occur.

7. Mechanisms of enhanced oxygen diffusion

Enhanced Oi diffusion has been attributed to transient pairing of Oi atoms with diffusing
vacancies, self-interstitials or a second impurity atom that reduces the height of the barrier
for Oi diffusion jumps. Ab initio calculations are helpful in assessing possible mechanisms
but experiments are needed to identify unambiguously the paired species. A discussion has
already been presented in section 6 relating to the formation and diffusion of the O2 dimer, and
possible interactions of Oi atoms with interstitial carbon atoms were included in the discussion
given in section 4.1. Proposed interactions involving oxygen–vacancy (V–O) pairs, I–O pairs,
metal–oxygen pairs or hydrogen–oxygen pairs are now examined.

7.1. 2 MeV electron irradiation producing V–Oi and I–Oi centres

High energy electron irradiation of Si generates interstitial atoms and vacancies. The
vacancies are mobile and are trapped by Oi atoms to form V–Oi pairs (A centres) that are
stable up to T ∼ 250–300 ◦C. These defects are well characterized by both EPR [96] and
IR [97] measurements that reveal an LVM at 835 cm−1 for the neutral defect. The resulting
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‘substitutional’ oxygen atom is displaced along a 〈100〉 direction and is bonded to two nearest
neighbours: the other two Si neighbours interact with each other by a weak anti-bonding
orbital, leading to a defect with C2v symmetry. Negatively charged centres have the same
symmetry but the LVM shifts to 884 cm−1 [98]. These two LVMs have the same IR calibration
factor as that for isolated Oi atoms, allowing the A-centre concentrations to be determined
[98, 99].

Information about I–Oi pairs has been obtained from IR measurements [13, 100] (LVMs
at 956 and 935 cm−1), EPR [101] and theory [102]: these defects dissociate at T ∼ 50 ◦C and
measurements indicate that they also have the same IR calibration factor as isolated Oi atoms
[13, 103].

The effect of electron irradiation on samples containing Oi atoms aligned by the prior
application of a uniaxial stress is easily understood. Once the vacancy has been captured, all
knowledge of the Oi alignment axis is lost since re-orientation of A centres occurs at room
temperature [96, 97]. The subsequent capture of an I atom, that is predicted from modelling
of the damage process [104], allows the Oi atom to be located in any of the four bond-centred
sites [105] (figure 1). The overall process therefore leads to a loss of dichroism (section 3.2)
with a 75% probability. The involvement of the vacancy is confirmed experimentally since
the rate of loss of the dichroism is reduced by a factor of ∼6 in irradiated Si containing
neutral substitutional tin impurities (1019 cm−3) [106] that are efficient traps for vacancies at
temperatures of up to T ∼ 150 ◦C [107, 108]. The rate of loss of dichroism increases super-
linearly during irradiation of samples at T > 300 ◦C [109]. It could be inferred that there
are transient interactions (collisions) between Oi atoms and mobile vacancies or I atoms since
A centres are not stable in this temperature range.

Isothermal annealing of irradiated silicon leads to an initial increase in the concentration
of isolated Oi atoms [13, 110, 111] that can be simply explained if A centres capture diffusing
I atoms released from small clusters of these defects generated during the irradiation (precursors
to RLDs: section 5.2): we designate this as process 1. In a second stage of the anneal,
the concentration [Oi] neither decreases nor increases. In this stage there is, however, the
formation of a new centre that gives rise to an IR line at 889 cm−1 (77 K). The line has
been attributed to a V–O2 defect that is formed by the diffusion and the subsequent capture
of an A centre by an isolated Oi atom that would lead to a decrease in [Oi] (process 2). If
processes 1 and 2 both occurred in the second stage of the anneal, there could fortuitously be
an explanation of the constant value of [Oi]. Nevertheless, an Arrhenius plot of the rate of
loss of A centres during this latter process, using all the available data [110–112], leads to
1/τ = (1/τ0) exp(−2 eV/kT ), with a value of 1/τ0 in the range 1013–1014 Hz (figure 10).
This appears to imply that single atomic jumps occur, leading to a local rearrangement of these
defects. Thus a clarification of the process of A centre annealing is still awaited.

In summary, it is possible to envisage transient interactions between Oi atoms and I atoms,
as discussed in a previous theoretical paper [102], or between vacancies and Oi atoms that lead
to enhanced Oi diffusion, but definitive experimental evidence in support of these proposals
has not been obtained.

7.2. Oi–metal-atom pairs

Copper [113] and iron [7] interstitial impurities diffuse in Si, even at room temperature, and are
easily introduced inadvertently during processing at elevated temperatures. It was proposed
that collisions with Oi atoms led to enhanced oxygen diffusion, detected by the relaxation of
stress-induced dichroism [114, 115]. The interpretation of the measurements was later found
to be ambiguous since the samples were heated in quartz capsules together with the metal in
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Figure 10. An Arrhenius plot of the rate of loss of V–Oi defects (A centres) as a function of the
anneal temperature for CZ Si samples given a prior electron irradiation at room temperature. The
time constant implies that only localized diffusion jumps occur [110]. A definitive explanation of
the loss of A centres is still awaited.

the form of a hydrated salt. At that time, it was not recognized that the presence of hydrogen
leads to enhancements, as discussed in the following section. It is important to note, however,
that transition metals can catalyse the dissociation of H2 molecules, as demonstrated for these
impurities in germanium [116]. The increase in the concentration of atomic hydrogen would
then be expected to increase the rate of Oi diffusion. Currently, it is therefore unknown whether
or not direct metal–Oi interactions lead to enhanced Oi diffusion.

7.3. Oi–hydrogen-atom pairs

In 1957 it was reported that the rate of TD(N ) formation in CZ Si grown in an atmosphere of
hydrogen was ten times greater during a subsequent heat treatment at 450 ◦C than the rate in
similar Si grown in the same equipment but in a helium atmosphere [117]. The implication
that this was due to enhanced oxygen diffusion was not recognized and the work was ignored
until relatively recently. In 1983, measurements of the relaxation of stress-induced dichroism
of the 9 µm Oi band were made for Si that had been pre-heated in the growth chamber in
a mixture of H2 and Ar gases at 900 ◦C for 2 h. It was demonstrated unambiguously that
DOXY was enhanced for the range 250 � T � 350 ◦C and the activation energy was reduced
to ∼2 eV [118] but there was still no explanation. It was only after another five years that
it was demonstrated that the diffusion of hydrogen into Si was responsible for enhancing the
rates of TD(N ) formation [119] and the loss of dichroism of the 9 µm Oi band (figure 11)
[120].
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Figure 11. Arrhenius plot showing an activation energy of between 1.7 eV (dashed line) and 2.0 eV
(dotted line) for Oi diffusion that is enhanced by the presence of hydrogen in the samples. The
hydrogen was introduced by in-diffusion from H2 gas during anneals at various temperatures in
the range 800–1300 ◦C. The data for normal oxygen diffusion (solid line), shown for comparison,
have an activation energy of 2.5 eV [80].

Hydrogen (or deuterium) may be introduced into samples by exposing them to a radio-
frequency plasma (13.56 MHz, 1 bar, 40 W) while they are heated to a temperature in the
range 150–500 ◦C [119, 120]: alternatively, samples may be heated to 600 � T � 1300 ◦C
in H2, D2 or a mixture of the gases [13]. Other procedures such as exposure of samples
to HF acid or boiling water also introduces hydrogen into the surface region but they will
not be discussed here. Recent measurements of the hydrogen (and deuterium) solubility, as
functions of the temperature [121] and the pressure [122] of the gas (for the high temperature
process) reproduce data derived by a different procedure in very early work [123]. The pressure
dependence varies closely as p1/2, implying that most of the hydrogen is introduced into
the Si as atoms at high temperatures, so that the external gas molecules must dissociate
at some stage. The temperature dependence of the total dissolved hydrogen is given by
[H] = 9.1 × 1021 exp(−1.8 eV/kT ) cm−3, yielding concentrations of ∼1016 and 1014 cm−3

at 1200 and 900 ◦C, respectively.
Subsequent examination of samples shows that a large fraction of the hydrogen is present

as molecules that must form by diffusion and pairing of H atoms as the Si cools to room
temperature. Some of the molecules form pairs with oxygen atoms, (H2–Oi) [124], that
dissociate on heating to T > 40 ◦C with the regeneration of Oi atoms and isolated H2 molecules
that have access to all the interstitial lattice sites [125]. These impurity defects are detected by
IR absorption measurements and identified by replacing hydrogen by deuterium or mixtures of
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Figure 12. IR absorption spectra showing satellite lines S1 and S2 of isolated 18Oi atoms, due to the
formation of bonds to 29Si and 30Si, respectively: see also figure 4. The vibrational modes of 16Oi ,
complexed with (a) a hydrogen molecule (labelled PH) and (b) a deuterium molecule (labelled PD)
also show these satellites demonstrating that the oxygen atom occupies a perturbed bond-centred
site. The hydrogen molecules are formed during cooling of the silicon after the introduction of H or
D atoms at 1300 ◦C from H2 and D2 gases [124]. The shift of the LVM to higher frequencies when
H2 is replaced by D2 is unexpected since heavier atoms usually have lower vibrational frequencies:
the reversal may be due to a level crossing process.

the two gases, that lead to shifts of the LVM frequencies (figure 12) [122, 124]. A discussion of
the IR spectra and dipole moments (effective charge of ∼0.1 e) of the H2 molecules, that have
been attributed to interactions with the neighbouring Si atoms, is given in [124] and [126].

Isolated H2 (D2) molecules have also been observed by Raman scattering measurements
following exposure of heated samples to a plasma [127, 128]. The location of these molecules
in the crystal depends on the details of the procedure: there is now a consensus that the first
H2 centres reported [127] are located in small voids in the crystal but those reported in [128]
are in interstitial lattice sites, as deduced from IR measurements.

The temperature at which the H2 molecules dissociate is not known and so the
concentration of hydrogen atoms at a given temperature is also unknown. This is important
since the process of enhanced oxygen diffusion has been identified with interactions between
Oi and hydrogen atoms [129–132]. This interpretation is supported by the detection of two
types of H(D)–Oi pair by IR absorption following an anneal after implantation of H atoms
into Si at 20 K: the centres dissociate at ∼200 K [133]. There is however a problem of
reconciling this mechanism with the observations of enhanced Oi diffusion at 225 ◦C [124]
since extrapolation of the hydrogen solubility relationship leads to only a negligible value of
[H] ∼ 104 cm−3, whereas H2 molecules may be present at concentrations of ∼5 × 1015 cm−3.

In this discussion it has been implied that DOXY is enhanced only at temperatures up
to about 500 ◦C following the prior diffusion of hydrogen into Si from H2 (or D2) gas at
a high temperature. It has been inferred that there is in-diffusion of H atoms so that the
barrier relating to the dissociation energy of the molecule (4.52 eV in free space and 3.9 eV
in silicon [134]) must be overcome. It appears that this barrier limits the concentration of
incorporated hydrogen to ∼1016 cm−3 at 1250 ◦C, since considerably higher concentrations
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are easily introduced from a plasma of atomic hydrogen [127, 128]. Supporting evidence is
provided by measured enhancements of DOXY by a factor of 102 with increased hydrogen
concentrations of up to 1019 cm−3 in the surface region of samples exposed to hydrogen gas at
1200 ◦C while they were subjected to 5 s pulses from a halogen lamp that emits UV radiation
with an energy of up to ∼4 eV [135]. The limited depth of the enhancement was attributed to
the penetration depth of the UV radiation. There is a need to repeat this work as rapid transient
annealing is a standard procedure in device fabrication.

There is indirect evidence, from measurements of defect complexes by deep level transient
spectroscopy (DLTS) [136] and the detection of electronic transitions from STDH(N ) shallow
thermal donors (section 8) [137], that small concentrations of hydrogen are often present in
as-grown silicon. The hydrogen may be derived from water and/or organic materials present
in ambient gases in the growth chamber or from polishing fluids.

8. Structures of double thermal donors TD(N ) and shallow thermal donors STD(N )

Heat treatment of CZ Si in the range 350–500 ◦C, during cooling in the crystal grower or during
a subsequent anneal, leads to the formation of two distinct types of donor, labelled TD(N ) and
STD(N ) respectively, that are detected by IR absorption and EPR measurements. The two
defects are related to each other and they have been attributed to the growth of small oxygen
aggregates (section 6). We first discuss TD(N ) centres, that comprise a family of more than 16
He-like double donors, and then show that there are at least three distinct families of STD(N )
single donors.

8.1. TD(N ) centres

TD(N ) centres give rise to a series of sharp electronic IR absorption lines from their ground state
(1s) to excited states (2p0, 2p±, 3p0, 3p± etc) that occur in the spectral regions 350–533 cm−1

(figure 9) and 580–1170 cm−1 from TD(N)0 and TD(N)+, respectively [21, 22]. As the
anneal progresses, the family of donors evolves as the number of incorporated oxygen atoms
per donor increases (increasing N ). The ionization energies, Ei(N) decrease, leading to shifts
of the IR transitions to lower frequencies in the specified ranges. TD(N)+ defects also give
rise to an EPR spectrum labelled NL8 that is observed in samples partially compensated with
grown-in boron, aluminium, gallium or indium acceptors: there is an unambiguous correlation
with the IR data, deduced from studies of the stress alignment of the defects [138]. The
g-tensor, derived from early EPR measurements made at X- or K-band frequencies, showed
continuous changes of the g-values with increasing anneal time due to overlapping spectra from
donors with decreasing localization [139]. Recent EPR measurements made at a microwave
frequency of 140 MHz have now resolved the spectra of the individual centres and it has
been shown that the symmetry of successive donors (an increase of N to N + 1) alternates
from C2v (orthorhombic) to Cs (monoclinic-1) [140, 141]. Electron nuclear double resonance
(ENDOR) measurements confirm the incorporation of oxygen in TD(N ) defects in samples
containing enriched 17O (nuclear spin I = 5/2) and naturally occurring 29Si atoms (I = 1

2 )
are also detected [142, 143]. There is no corresponding microscopic evidence from ENDOR
for the incorporation of any other impurity, including (13C, I = 1

2 ), (14N, I = 1), (10B, I = 3),
(11B, I = 3

2 ) and (27Al, I = 5
2 ).

The observations appear to be consistent with a model of TD(N ) centres that have a central
core structure consisting of two Oi atoms and a central I atom located in a row of Oi atoms
aligned along a 〈110〉 direction (figure 13) [102]. If there are an equal number of oxygen
atoms on each side of the core, the symmetry is C2v but the addition of one extra oxygen
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Figure 13. Proposed structure of the I–O2 complex for the core of TD(N ) centres, with unperturbed
lattice positions marked by small open circles. In addition to the electrons present in bonds and
lone pair orbitals, two electrons are delocalized so that the complex is a double donor [102].

atom at either end of the chain will lower the symmetry to Cs. It follows that the central
I atom must make single diffusion jumps between adjacent oxygen atoms as N increases to
(N + 1) and then (N + 2). The alternative possibility of adding Oi atoms alternately to the two
ends of the chain seems improbable. Another possibility is that there is sequential addition of
oxygen dimers, rather than Oi atoms, that would lead to the same changes of the symmetry.
Irrespective of these details, the new magnetic resonance measurements explain the staircase
structure revealed in a plot of measured values of Ei versus N (figure 14).

There is, in general, a consensus for the proposal of a row of Oi atoms in TD(N ) centres
but the structure of the core is still a matter for debate. For example, a recent first principles
calculation has implied that neither vacancies nor self-interstitials can be present [144]. On
the other hand, the proposal that an I atom is present in the core requires a demonstration
that I atoms are generated during the period of growth of the donors. This process would
relate to previous proposals [145, 146] that rapidly diffusing I atoms are generated by oxygen
aggregation but it is not implied that all these aggregates are necessarily TD(N ) centres or
precursors to these centres. It is therefore important to seek experimental evidence for the
formation of I atoms during low temperature anneals.

It is well known that I atoms are trapped by grown-in substitutional carbon atoms ([Cs]
up to ∼1018 cm−3), leading to their ejection into interstitial sites [Ci] [147]. The resulting
loss of self-interstitials would then explain the observed reduced rate of TD(N ) formation in
highly carbon doped Si. The formation of di-carbon–oxygen–hydrogen defects (T centres),
detected in hydrogenated Si by high resolution PL measurements provides direct evidence for
the generation of interstitial carbon atoms [148, 149], adding weight to the detection of P centres
with an O2Ci structure, as discussed above [78]. A major shortcoming of PL measurements
is that the strength of the emission cannot, in general, be converted into a defect concentration
because of parallel recombination paths for the photo-excited holes and electrons.

Much earlier, however, EPR [150] measurements had shown that B, Al and Ga acceptors
exchange sites with I atoms, introduced by 2 MeV electron irradiation (very recent theoretical
work implies that boron atoms may not exchange sites with I atoms but that fast diffusing
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Figure 14. Diagram showing the differences of the ionization energies Ei of successive TD(N )
centres, determined from the frequencies of the IR (1s → 2p±) electronic transitions given in
[21] and [22]. The resulting staircase structures, as N is increased to N + 1, etc imply alternating
symmetries of adjacent centres, demonstrated directly by recent high resolution EPR measurements
[140, 141].

close pairs form [151, 152] although that does not affect the discussion here). There are no
reports for a similar exchange of sites for In acceptors but this is not expected because of
their large covalent radius. Low temperature (77 K) IR LVM measurements also reveal the
exchange of sites of boron atoms in irradiated Si [153] with the formation of lines from 11Bi
(730 cm−1) and 10Bi (757 cm−1) and the subsequent generation of B–B pairs (believed to
have C3v symmetry) and larger B-interstitial clusters, as the anneal temperature is raised to
250 K and 300 K, respectively: the larger clusters dissociate only at T > 300–400 ◦C [154].
Measurements of the IR vibrational and electronic absorption lines from substitutional boron
(both of which have measured IR calibrations), together with resistivity measurements, were
then made on CZ Si ([B] = 7×1016 cm−3) following anneals at 450 ◦C [155]. Derived values
of [NA] (LVMs) and [NA–ND] (electronic transitions) showed that there was a loss of boron
from substitutional sites throughout the whole period of the anneal up to 2700 h (see also [156])
when the resistivity had increased from 0.28 * cm = 4.0 * cm (p type). It was deduced that
the rate of TD(N ) formation was similar to that for undoped Si but there was no evidence
for the incorporation of boron in TD(N ) centres. It was inferred that there was clustering of
diffusing interstitial boron atoms: for every substitutional boron atom that was lost, there was
a measured loss of ∼15 Oi atoms. The ratio �[B]/�[Oi] is similar to that for �[C]/�[Oi]
in samples with a carbon concentration of ∼1017 cm−3. The important result is that these
measurements demonstrate quantified generation of I atoms during anneals at temperatures
below 500 ◦C when there is TD(N ) formation.

The dependency of the concentrations of TD(N)+ centres on anneal time, determined from
EPR measurements of p-type Si more lightly doped with B, Al or Ga acceptors, is therefore
clarified (figure 15). Initially, as [+TD(N)] increases, [+TD(N)]+ is expected to increase
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Figure 15. The total concentrations of (a) TD(N ) centres determined from resistivity
measurements, (b) the associated NL8 EPR spectrum (TD(N)+) and (c) the NL10 EPR spectrum
(STD(N )) as a function of anneal time for CZ Si crystals doped with B, Al, Ga or In acceptors.
There are progressive reductions in the strengths of the NL8 spectra at extended times for B-, Al-
and Ga-doped Si, implying a progressive loss of these acceptors that are expected to exchange sites
with I atoms. This reaction does not occur with In acceptors that have a large covalent radius [157].

until it reaches a constant value, equal to the grown-in acceptor concentration. However, after
anneals of only ∼20–30 h, the concentration [+TD(N)]+ decreases in samples doped with
B, Al or Ga [157], implying a loss of these group III acceptors due to an exchange of sites
resulting from the capture of I atoms. These measurements therefore support the view that
I atoms are formed. It follows that in undoped Si there is sufficient generation of I atoms to
be captured by oxygen clusters to form TD(N ) defects (see also section 8.2).

Recent IR investigations have shown that oxygen atoms incorporated in TD(N ) centres
give rise to weak LVMs in the spectral ranges 975–1015 and 724–748 cm−1 [158]. Lines at
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975, 988, 999 and 1006 cm−1 are assigned to TD(1), TD(2), TD(3) and the sum of all the other
TD(N ) with N � 4 respectively. The integrated absorption coefficients of these electronic
transitions corresponds to the expected absorption of only ∼2.0 oxygen atoms, assuming that
the oxygen calibration factor is the same as that of isolated Oi atoms. These atoms must
therefore be located in the core region of the TD(N ) centres as two shells of Oi atoms are
resolved by ENDOR measurements. These measurements have, however, so far failed to
demonstrate that successive species of the NL8 (and NL10) centres differ by a known number
of incorporated oxygen atoms [159]. It had been suggested previously [160] that there may be
only, say, two oxygen atoms in the core, as shown in figure 13 (the basic Deák model) [102],
and the remaining atoms could be bonded self-interstitials. Perhaps this possibility should not
yet be ruled out.

TD(1) and TD(2) donors are of special interest as they are bi-stable and show negative-U
behaviour [161]. Until recently, these centres were detected only when they were in the double
donor state (labelled A) and gave rise to electronic transitions. The new IR measurements show
that the LVMs at 975 cm−1 (TD(1)) and 988 cm−1 (TD(2)) shift to a common line at 1020 cm−1

when they transform to the low energy configuration B [162]. These observations have led
to much excitement with the expectation that they will shed further light on the bi-stability
problem.

It has also been proposed that these centres are each passivated by a single hydrogen atom
when they are in the B state [163]. The mechanism of this process is unclear and it is not
known whether or not the A state can be passivated.

Since there is evidence that oxygen dimers start to dissociate at T > 450 ◦C, it was of
interest to make comparisons with the dissociation of thermal donors [164]. The rate decreases
as N increases, as expected (figure 16), because of the increasing sizes of the centres and it
was presumed that TD(N ) would be transformed into TD(N − 1). However, the rate of decay
of TD(1) is much smaller than that of TD(2), implying stronger local bonding at the core, that
is not understood.

8.2. STD(N) centres

The STD(N ) centres are single donors that also form in CZ Si annealed at temperatures
below 500 ◦C. They give rise to sharp electronic IR absorption lines in the spectral range 150–
300 cm−1, that can be detected by IR photo-thermal ionization or absorption spectroscopy (see
[165] for a summary of the available data) and an EPR spectrum, labelled NL10. The g-values
of this resonance show that the centres are less anisotropic than TD(N ) centres, indicating
that the unpaired electron is more delocalized [139], consistent with the smaller ionization
energies, Ei , derived from the IR data [23]. 17O atoms (in Si enriched with this isotope)
detected by ENDOR are assigned to locations in the first two or three atomic shells around
the defect core and 29Si ENDOR reveals structure similar to that determined for NL8 centres.
The latter measurements also show that the symmetries of adjacent STD(N ) donors alternate
between C2v and Cs [139], although the IR measurements show only monotonic decreases in
Ei with increasing N , with an absence of a staircase structure [23]. Nevertheless, the TD(N )
and STD(N ) centres must have similar overall structures except that they are double and single
donors respectively, implying a difference in the core structure.

There had been a long-standing problem of understanding why the ‘same’ STD(N )
EPR spectrum was found in both Al- and B-doped Si since ENDOR measurements reveal
the incorporation of Al, as STDAl(N ), donors but not for the formation of corresponding
STDB(N ), STDGa(N ) or STDIn(N ) centres. In addition, donors formed in annealed nitrogen
doped Si have been ascribed to STDN(N ) centres containing a nitrogen atom although ENDOR



Oxygen diffusion and precipitation in Czochralski silicon R359

Figure 16. Normalized concentrations [TD(N)0]t /[TD(N)0]START versus anneal time t of rapid
transient anneals of a sample containing a high initial concentration of the neutral thermal double
donors formed in a prior furnace anneal at 450 ◦C. The rates of decay of individual donors are
indicated by straight lines with slopes that decrease as N increases: the anomalous behaviour of
TD(1) implies that this centre is more stable than expected [164].

measurements failed to detect the naturally occurring 14N isotope (see [165] and [23]): likewise
STDP(N ) centres have not been detected in phosphorus-doped Si [143].

A breakthrough came from high resolution IR measurements made on Si that had been
annealed at 1300 ◦C in hydrogen (or deuterium) gas. Various STD centres were shown
to incorporate a hydrogen atom since there were very small reductions in the energies of
∼0.1 cm−1 of the electronic transitions when incorporated H atoms were replaced by D atoms
[23, 137, 166] (figure 17). The shifts, similar to those observed previously for rare-earth–
hydrogen pairs, are due to electron–phonon interactions [26, 167]. Hydrogen incorporated in
STD centres is also detected by ENDOR in samples that had been pre-heat treated at 1200 ◦C
in water vapour or hydrogen gas [168] and, slightly later, deuterium was also reported [169].
A comparison of the IR and EPR/ENDOR measurements indicated a correlation, as discussed
in reference [165], but it is difficult to make a quantitative assessment because of the very
different sample requirements for the two techniques.

The IR measurements demonstrated that there were in fact three families of shallow thermal
donors [23, 166] (figure 18), with different ionization energies [23]. Two families, namely
STDAl(N ) and STDH(N ), are identified and they can co-exist in samples. Since STDH(N )
centres are formed in samples that are not deliberately hydrogenated, it follows that hydrogen
must be introduced into Si inadvertently during (a) anneals in air or other gases, (b) polishing or
(c) growth, as mentioned in section 7.3. The third family of STDX(N ) [23, 166] donors has IR
frequencies that are the same as those measured by PTIS [170] for samples doped with nitrogen
during growth and other samples pre-heated in N2 gas and annealed at 550 ◦C. The frequencies
are extremely close to those of STDH(N ) but the small shifts are real and reproducible. There
is no doubt that this is the reason why early IR spectra [171] were attributed to STDN(N ).
It is also important to note that STDH(N ) centres are not stable at 550 ◦C [23, 166] whereas
the concentration of STDX(N ) centres increases from that found after anneals at 450 ◦C. It
has been proposed that X may only perturb and stabilize STDH(N ) centres since there is no
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Figure 17. Spectra showing STDH(2) and STDH(3) electronic transitions (1s → 2p±) in samples
heated at 470 ◦C in (a) a deuterium or (b) a hydrogen plasma (13.56 MHz, 40 W, 2 mbar, t = 70 h).
The transitions in deuterated samples show a frequency shift of ∼0.1 cm−1 to lower energies
compared with hydrogenated samples, as revealed clearly in the difference spectrum (c): these
shifts are due to electron–phonon interactions [167]. As expected, there are no corresponding
shifts of the frequencies of the TD(N ) transitions, since there is no evidence that hydrogen is
incorporated in these centres [166].

direct evidence to identify X with a nitrogen atom. Heat treatment of Si in N2 gas at high
temperatures leads to the formation of Si3N4 at the surface that leads in turn to the injection of
lattice vacancies [172]. The vacancies are mobile and it can be speculated that they are trapped
near STDH(N ) centres to form STDX(N ) donors. It is also significant that the STDH(N ) lines
correspond to IR lines produced in annealed Si following high energy electron irradiation [173].

A simple explanation can be put forward to explain the formation of STDAl(N ) shallow
donors on the basis of the Deák model for the structure of TD(N ) centres that are predicted
to incorporate an I atom [102] generated by the aggregation of oxygen atoms. The I atoms
would be captured by substitutional Al atoms that would then be displaced into interstitial
sites [146]. There is evidence that Ali atoms are mobile [150, 174] so that they could then be
captured by the two Oi atoms in a TD(N ) core (figure 13) and form dative bonds, as for an
I atom. The resulting centre would be a single donor, as proposed in earlier work [146], and
there would be very strong bonding of Al atoms to oxygen atoms. This is because the heat of
formation of Al2O3 of ∼300 kC mol−1 is greater than that of SiO2 of ∼200 kC mol−1: the
heats of solution of B2O3 and Ga2O3 are however only ∼200 kC mol−1, similar to that of SiO2

[175]. It follows that there is a much reduced probability for the formation of STDB(N ) and
STDGa(N ) shallow donors, even though both Bi [115] and Gai [150] are mobile.

8.3. The core structure of TD centres

An impression may have been obtained from the discussion presented in sections 8.1 and 8.2
that the problem of determining the core structures of TD(N ) and STD(N ) centres has been
resolved. On the basis of ENDOR measurements, it was assumed that the basic core structure
is the same for all the TD centres. The presence of the I atom that can capture a hydrogen atom,
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Figure 18. IR absorption lines (1s → 2p±) from (a) Al doped Si, preheated in Ar gas and annealed
at 470 ◦C, showing the STDAl(N ) spectrum, (b) hydrogenated Si annealed at 450 ◦C, showing the
STDH(N ) spectrum that is not stable at 550 ◦C and (c) nitrided Si annealed at 550 ◦C, showing
the STDX(N ) spectrum. The spectra are all distinct but the small line shifts [23, 163] have led to
confusion in identifying these centres in previous work.

or be replaced by an Al atom, to form an STD centre then provides a satisfactory explanation
for the growth of these single donors. ENDOR measurements have confirmed that the I–H
bond is perpendicular to the plane of the Si–Oi–I–Oi–Si core structure as proposed from theory
(figure 13) [102]. However, the hyperfine interactions of H and D atoms do not scale with the
moments of the two nuclei [176] and so further refinement of the model is required to obtain
agreement with experiment.

9. Conclusions

Many people believe that semiconductor grade monocrystalline silicon is an ultra-pure material
that contains only negligible concentrations of impurities and defects. This is true for FZ Si
but it often comes as a surprise to learn that CZ Si, used for the fabrication of integrated
circuits, contains oxygen at a level of 20 ppma (parts per million atomic). It is also apparent
that understanding the diffusion and aggregation of the oxygen atoms in silicon is by no means
a simple matter, but the presence of silica precipitates has been considered necessary to getter
diffusing metallic contaminants.

Most of the outstanding problems relate to anneals at temperatures below about 700 ◦C but
temperatures in this the range are likely to be required for the fabrication of future integrated
circuits because they will have smaller feature sizes. The importance of oxygen was recognized
in the earliest period of Si growth; in a second period, it was discovered that the concentration
of inadvertently introduced carbon must be less than ∼5 × 1015 cm−3 since the displacement
of these impurities into interstitial sites by interactions with I atoms leads to the formation of a
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huge number of defects with deep levels [177]; the incorporation of nitrogen was investigated
next and found to have certain beneficial effects, but again there is formation of a wide range of
complexes; we are now in the ‘hydrogen period’. There are problems relating to the control and
measurement of hydrogen concentrations and finding reliable methods to identify various com-
plexes. The second part of the review has therefore concentrated on the hydrogen-related issues
to give an overview of our current knowledge, although this is not fully comprehensive. How-
ever, sufficient references have been given to allow a more complete understanding to be gained.
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